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The metallurgical structure of as-solidified 
Ni-Cr-B-Si-C hardfacing alloys 
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Institut National Polytechnique de Grenoble, L.T.C.M.-E.N.S.E.E.G, BP 75, 
38402 St Martin d'Hbres, France 

The crystallization of complex nickel-base hardfacing alloys is studied with reference to the 
ternary Ni-Si-B and quaternary N i -Cr -B-S i  systems. Quenched interrupted, directional 
solidification is employed to establish the solidification sequence. The transformation tem- 
peratures are measured by differential thermal analysis. Solid-state transformations occurring 
during the cooling process are described. A model of the solute exchanges during solidification 
is proposed in order to predict the amount of liquid remaining at each stage in the process, 
particularly at the last stage when all the eutectic liquid is frozen in. 

1. Introduction 
One solution to many problems of wear and corrosion 
is the use of coatings. The deposit materials have to be 
chosen in relation to the deposit process, with the 
base material and with conditions of practical use. For 
many uses, a common requirement for the properties 
of coatings is a good corrosion resistance combined 
with an increased wear resistance. This requirement 
can be met by the use of the so-called "hardfacing 
alloys". 

A family of these hard-facing alloys is constituted 
by nickel-base materials. Their structure is charac- 
terized by several phases such as carbides, borides and 
silicides formed with the base metal (nickel), and either 
a metallic (chromium, tungsten) or non-metallic (car- 
bon, boron silicon) additive. A fine hard phase disper- 
sion of hard precipitates is most beneficial with respect 
to wear resistance [1]. In spite of prolific literature on 
the subject, few papers deal with their microscopic 
metallurgical structure [2, 3]. Nevertheless, it is 
admitted that wear resistance is directly correlated 
to the microstructural features governing the inter- 
action between the hard precipitates and the matrix: 
distribution, shape, coarseness and crystallographic 
orientation of the precipitates. 

The presence of additional chromium gives the 
alloys good corrosion resistance and also raises the 
temperature stability by forming stable chromium car- 
bides and borides. However, the boride phases are 
mainly responsible for the high hot hardness. One of 
the main features of these alloys is their autofluxing 
ability which may be attributed to boron. This 
property makes them interesting for the chemical and 
glass industries [4, 5]. In addition, silicon and boron 
lower the melting point and increase the solidification 
interval. 

There is a great number of application methods 
based on a welding or spraying process. Hardfacing is 
usually performed with techniques involving a rather 

rapid solidification process such as plasma torch 
or electron bombardment. Consequently, some prob- 
lems arise resulting from these particular conditions 
for solidification: for instance, the formation of 
non-equilibrium structures or the occurrence of 
solidification shrinkage. 

The object of the present paper is not to optimize 
the composition of the alloys with regard to their 
hardfacing properties but to analyse the influence 
of the initial composition on the solidification pro- 
cess and on the resulting structure. Solidification is 
modelled by means of two parameters: the solidi- 
fication range of temperature, AT, and the ratio 
liquid/liquid + solid, fL, during the freezing process. 
In the case of our alloys, the amount of eutectic liquid 
remaining at the end of solidification is large. This 
facilitates the spreading of the liquid layer and governs 
the final aspect of the deposit. The two parameters, AT 
and fL, depend on the phase diagram, then on 
the crystallization path and on the solidification 
conditions. 

In order to establish the solidification sequences, 
the quench interrupted directional solidification 
technique seems well adapted. We propose to study in 
this way some commercial alloys and to establish a 
comparison with less complex synthetic alloys. 

2. Experimental procedure 
Master alloys were prepared under a controlled atmos- 
phere using pure (99.9%) charge materials. Inter- 
mediate compositions were prepared from these alloys 
by button melting in an argon arc furnace equipped 
with a non-consumable tungsten electrode. In all, a 
total of six synthetic alloys were studied in the com- 
position range, 0 to 15wt% B, 0 to 19wt% Si, and 
five commercial alloys. The compositions are 
indicated in Table I and the points representing them 
are reported in Fig. 1. 

The temperatures of phase transformation were 
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Figure 1 Liquidus projection for the system N i -B -S i .  For complex 
commercial alloys (*) indicated by a triangle in the figure, chro- 
mium and other element contents were included with nickel. 

determined by differential thermal analysis (DTA) on 
specimens of about 2 g. Heating and cooling were 
carried out under argon at a rate of 5~ min -~. 

Some specimens of commercial alloys were examined 
alter quench interrupted directional solidification 
(QIDS). The method consists of monitoring solidi- 
fication under controlled conditions of thermal gra- 
dient and rate of advance of the solid-liquid interface. 
The specimens were elongated bars, 23 cm long and 
0.8cm diameter. The bars are drawn from the hot 
zone of a high-frequency furnace to the cold zone of 
a water jacket. Steady-state conditions are established 
and the rate of advance of the interface may be assimi- 
lated to the forward movement of the bar, i.e. in this 
case 18 cm h -~. The plot of temperatures in the fur- 
nace is shown in Fig. 2. The thermal gradient in the 
solid varies from 600~ near the interface at the 
liquidus temperature to 40~ -~ at a distance of 
about 3 cm where the temperature is 800 ~ C. Quen- 
ching froze in the interface configuration and also the 
evolution of the solidified alloy when passing through 
the hot zone. Examination of the structures along the 
bar enables the solidification sequence to be determined 
and the solid state transformations to be detected. 

Optical micrographs were taken on polished sec- 
tions etched in Murakami or Villela reagent. Iden- 
tification of the phases was confirmed by X-ray 

diffraction using filtered copper radiation (Ks = 
0.1541 nm), particularly in the case of the hard phase 
extracted by dissolution of the matrix. The examin- 
ation of the microstructure with a scanning electron 
microscope (SEM-JSM35) were carried out on samples 
chemically etched with a solution of FeC13 in HC1 
which slightly dissolves the matrix. Electron probe 
analysis was carried out using a Cameca MS46 and 
subsequent application of a ZAF correction program 
(atomic number, absorption and fluorescence). 

More accurate observations were made by trans- 
mission electron microscopy (TEM) with a 
JEM200CX. Electropolishing of the thin foils was 
done with an electrolyte solution of 13% HC1 in 
methyl alcohol at - 40 ~ C. 

3. Results 
3.1. Microstructural observations 
The phases observed in most of the alloys are: Ni(~) 
solid solution, MTC3-type chromium carbides, CrB 
and Ni 3 B chromium and nickel borides, Ni 5 Si2 nickel 
silicides. Their crystallographic structures are indi- 
cated on Table II [6-9]. QIDS was operated on some 
commercial alloys [10]. The results concerning 6* and 
8* are presented. Alloy 6* is representative of hypo- 
eutectic compositions in the Ni(e) primary field. Alloy 
8*, on the other hand, is representative of those alloys 
having as first phase an intermetallic compound CrB 
in this case. Figs 2 and 3 illustrate the morphologies of 
the primary phases and of all the phases formed 
during the solidification sequence. 

Fig. 2 shows electron micrographs for alloy 6* 
specimens taken along the solidified rod. At the top of 
the rod the Ni(c~) dendrites may be easily distinguished 
from the quenched liquid. In the case of dendrites 
quenched at the early stage of their formation, the 
secondary arms are well developed. As the freezing 
rate is rather slow, the interspacing of the primary 
axes is large (~ 100#m). At high temperature, diffu- 
sion is very effective and promotes a coarsening pro- 
cess. Then, in the mushy zone, dendrites break into 
small, round shaped pieces. Each stage of solidifi- 
cation defines a macroscopic interface on the rod, 
indicated by an arrow on Fig. 2. Figs 2a and b show 
the electron micrographs of the magnified areas 
corresponding, respectively, to the eutectic struc- 
tures Ni(~)/Ni3B and Ni3B/NisSi 2. Fig. 3 shows 

T A B L E I Transformation temperatures and phases formed for each alloy in the order of their appearance. The alloys labelled * are 
commercial alloys 

Alloy Cr B Si C Transition Phases in order of 
(at. %) (at. %) (at. %) (at. %) temperatures (o C) appearance 

1 - 10 - - 1280 1095 Ni(e) Ni3B 
2 - 15 - - 1185 1095 Ni(e) Ni 3 B 
3 - - 19 - 1225 1160 1125 1008 Ni(~) NisSi 2 
4 - 6 4.5 - 1275 915 885 Ni(~) Ni3B 
5 - 10 10 - 1120 1030 985 Ni(c 0 Ni3B NisSi 2 
6* 7.5 8 6.3 1 1175 975 985 Ni(c~) Ni3B NisSi 2 
7 - 15 10 - 1030 1010 1000 985 Ni3B Ni6SizB Ni 
8* 14 14 6.3 1.5 1025 990 955 CrB Ni MTC 3 Ni3B Ni~Si e 
9* 11 20 8 1.5 1040 960 940 CrB Ni MvC 3 Ni3B NisSi 2 

10" 10 10 7 2 1075 976 955 MvC 3 Ni Ni3B NisSi 2 
11" 15 17 7 3.6 1030 970 948 933 MTC 3 Ni Ni3B NisSi 2 
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Figure 2 Secondary electron micrographs of  alloy 6*. The plots represent the temperature profile in the bar during the unidirectional 
solidification process. The arrows indicate the temperature of  the specimens corresponding to the micrographs just before quenching. On 
the left hand are longitudinal cuts, on the right hand two magnified areas of  transversal cuts (a) Ni(c0/Ni 3 B eutectic; (b) Ni 3 B/Ni 5 Sia eutectic. 

T A B L E  II Crystallographic structures and lattice parameters of the phases identified 

Compound Space Group Lattice Parameter (A) References 
a b c 

Ni Fm3m 3.52 [8] 
Ni3B Pbnm 4.389 5.211 6.619 [8] 
Ni 2 B 14cm/m 4.99 4.26 [8] 
Ni 3 Sift I L 12 3.51 [8] 
Ni 3 Si/?2 monoclinic 7.04 6.24 5.08 [7] 
Ni 3 Si/~3 Pbnm 4.35 5.50 6.50 [6] 
Ni 5 Si 2 P3h 6.66 12.27 [8] 
Ni6 Si2 B P62m 6.10 2.89 [11] 
CrB C2/mem 2.97 7.86 2.93 [8] 
M v C 3 C43v 13.98 4.52 [8] 
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Figure 3 (a) Transmission electron micrograph of 
Ni3 B/Ni5 Si2 eutectic; (b) corresponding key diagram. 

transmission electron micrographs of this later eutectic. 
The phases are indexed as orthorhombic Ni3B and 
hexagonal NisSi 2. We observe that the (0 0 0 1) plane 
for NisSi 2 is very close to the (022) plane for Ni3B, 
though no orientation relationship can be really 
defined. 

In Fig. 4, the primary CrB dendrites appear quite 
different, rather blocky. Beside them, Ni(c 0 dendrites 
can be observed. They are well formed with secondary 
and even tertiary arms. It can be noticed that they are 
very thin and do not coarsen like the preceding ones. 
Fig. 4b presents the eutectic Ni(~)/CrB and the eutec- 
tic boride appears with a coarsened, round-shaped 
morphology. Fig. 4c shows two transitory structures: 
the top one is a ternary eutectic Ni(c0/M7C3/CrB, the 
bottom one is Ni(~)/Ni 3 B. Fig. 4d corresponds to the 
ternary Ni(cO/Ni3B/NisSi  2 eutectic. This last ternary 
eutectic represents a small volume fraction of the alloy 
and its solidification is achieved in a narrow tempera- 
ture range. As a result the microstructure is very fine. 

Fig. 5 also shows electron micrographs of DTA 
specimens of alloys 8* and 10" illustrating the facetted 
morphologies of primary intermetallic compounds 
CrB and M7C 3. Chromium carbides exhibit their 
typical facetted, spade-like morphology. However, on 
account of the slow freezing rate, the features of the 
morphologies are more characteristic and easier to 
analyse in the QDTA specimens. 

3.2. Solidification sequences 
The crystallization paths are defined by two kinds of 
data: the transition temperatures resulting from DTA 
experiments and the order of appearance of the 
phases. Both are indicated in Table I for all the alloys, 
synthetic or commercial (labelled by *). The phase 
which first solidifies depends on the composition of 
the initial alloys. For the ternary system Ni -S i -B ,  the 
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extent of the primary fields is shown on the liquidus 
projection in the nickel-rich corner established by 
Lebaili et al. [11] (Fig. 1). All the compositions inves- 
tigated in the present study have been reported on this 
projection taking into account only the amount of 
boron and silicon. This rough approximation assumes 
that chromium is found only in the matrix and that 
other element contents may be neglected. In fact, for 
commercial alloys, the primary phase is different from 
that expected. Alloys 10" and 11 *, with a rather high 
carbon content and high chromium content (respect- 
ively 2 to 3.6wt% C and 10 to 15wt% Cr), form 
M7C 3 carbides as primary phase. Alloys 8* and 9* 
form CrB. Alloy 6", with lower carbon and chromium 
contents than the preceding ones, belongs to the 
primary Ni(e) phase field of the quarternary system. 

However, the sequences of solidification mentioned 
on Table I for all the compositions are rather similar. 
The crystallization of alloy 7 finishes at 985 ~ C at an 
invariant point corresponding to the ternary eutectic 
transformation between Ni(e), Ni3 B and Ni6Si 2 B [11]. 
The temperatures of the end of crystallization are 
close for alloys 5 and 6. In effect, the alloys presenting 
a thermal accident on thermograms ranging between 
980 and 990~ exhibit a large amount of Ni(c0/Ni 3B 
eutectic and a smaller amount of N i ( e ) / N i 3 B / N i s S i  2 

eutectic. In the case of chromium-containing alloys, a 
similar accident, in a lower temperature range (940 to 
955 ~ C), was associated with the formation of a dif- 
ferent ternary eutectic Ni(~)/Ni3B/NisSi2 following 
the formation of Ni(c0/Ni3B eutectic (alloys 8*, 9", 
10* and 11") or Ni 3 B/Ni5 Si2 B eutectic (alloy 6*). The 
crystallization of alloy 11", which contains the largest 
amount of carbon and chromium, begins by the 
formation of M7C 3 carbides and terminates also by 
the formation of the same ternary eutectic Ni(e)/Ni3 B/ 
NisSi 2 at 935~ 



Figure 4 Secondary electron micrographs 
of alloy 8*. The magnified areas corre- 
spond to: (a) primary CrB; (b) Ni(c0/CrB 
eutectic; (c) top, Ni(c0/MTC3/CrB; bot- 
tom, Ni(e)/Ni3B; (d) Ni(cO/Ni3B/NisSi 2. 

We have reported in Table III  the results of micro- 
probe analyses, in the case of alloy 9", with the 
mention of the range of composition of  each com- 
pound. For all the phases, except M7C3, there is 
little variation of composition related to the thermal 
history. In the case of  M7C 3 carbide, we measured a 
lower ntckel content (4 at. %) for carbides occurring as 
the primary phase than for those occurring as the 
eutectic phase (8 at. %). 

Considering the use of this type of alloy, we have 
determined two parameters in order to describe the 
cooling process: the solidification interval and the 
amount of  liquid phase remaining in the interdendritic 
groove when the first eutectic structure forms. The 

interval of solidification is indicated in Table I and lies 
between 50 and 200 ~ The liquid fraction or the 
complementary solid fraction were estimated by 
examination of the micrographs of quenched speci- 
mens (Table IV). 

TAB LE I I I Composition of the phases identified in alloy 9* 

CrB NisSi 2 Ni3B MTC 3 
(at %) (at %) (at %) (at %) 

Ni 0.4 93.2 69.4 4.1 
Cr 49.9 0.4 6.1 65.4 
B 49.6 0 24.5 0 
Si 0 26.4 0.1 < 0.1 
C 0 0 0 29.5 
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Figure 5 Secondary electron micrographs illustrating the primary blocky phases: (a) CrB in alloy 8*; (b) MvC 3 in alloy 10". 

3.3. Solid-state precipitation 
During the cooling process, precipitates appear at 
different temperatures in the Ni(c 0 dendrites (Fig. 6). 
These precipitates were identified as fllNi3Si (Table 
II). Other structures labelled /~2 and /~3 were not 
observed. In fact the latter two are only observed for 
the binary system in alloys aged at high temperature 
for a relatively long time [6]. 

The precipitates are located on the border of the 
dendrites. This fact can be related to the large vari- 
ation in silicon content between the border and the 
centre of the dendrites due to solidification segre- 
gation. For example, in alloy 5, the silicon content 
may reach 1 1 at. % at the border, which is 6 at. % 
higher than in the centre. We distinguished two mor- 
phologies for these precipitates: a cuboid one with 
faces parallel to (1 0 0) planes (Fig. 6) and a dendritic 
one (Fig. 7b). These latter precipitates were observed in 
alloy 8* (Fig. 4) at the bottom of the bar of QIDS 
specimens. The analyses of the precipitates did not 
indicate any substitution of nickel or silicon by chro- 
mium. Fig. 6 presents a STEM qualitative analysis; no 
chromium X-peak could be detected. 

Chromium prevents the formation of the primary 
phase Ni6Si2B. This phase was found only in chro- 
mium-less alloys and then it is not stable. It decom- 
poses during slow cooling or ageing, giving Ni 3 B and 
Ni5 Si2. 

4. Discussion and conclusions 
This discussion will be focused particularly on two 
points: 

(i) the structural features related either to the initial 

T A B L E  IV Fraction solidified f, before the formation of the 
eutectic structure. The calculated values and the values estimated by 
quantitative metallography are given for ternary alloys and alloy 6* 

Alloy AT f~ measured f~ calculated 

1 185 0.50 0.46 
2 90 0.25 0.22 
3 217 0.35 0.50 
4 290 0.60 0.68 
5 135 0.12 0.20 
6* 190 0.33 0.50 

composition of the alloy or the parameters of the 
freezing and cooling processes, 

(ii) modelling of solute exchanges during solidifi- 
cation in order to predict the amount of liquid remain- 
ing at each stage in the process. 

4.1. Metallurgical structure and morphology 
The crystallization paths are very complex for com- 
mercial alloys. Several eutectic structures with inter- 
metallic compounds may be found. However, they 
may be predicted by comparison with the ternary 
model system Ni-Si-B.  In the case of chromium- 
containing alloys, modifications have to be taken into 
account. 

Chromium promotes the formation of CrB as pri- 
mary phase when its content exceeds about 10 wt %. 
For chromium- and boron-rich alloys the primary 
phase is always CrB. For alloys containing chromium, 
boron and carbon, there is competition between 
boron and carbon for the formation of either borides 
or carbides. This fact was established by Pradelli [12] 
in the case of the ternary system Cr -C-B.  Our 
previous work [1 3] concerning the quarternary system 
N i - C r - C - B  shows the influence of nickel addition. 
A projection of the liquidus surface is proposed for the 
system (Ni0.66, Cr0.33)-e-B (Fig. 8). The extent of the 
Cr2 B primary field is not as large as that of the ternary 
system. In fact Cr2 B could be detected only for alloys 
of composition very close to that of the binary eutectic 
Ni(~)/Cr2 B. The field of the ternary compound 
Ni6SizB is also reduced; it disappears for a chromium 
content of about 2%. There is a monovariant line 
between Ni3B and NisSi2 that reaches the ternary 
eutectic. With a carbon content higher than 2 wt %, 
M T C  3 o c c u r s  almost independently of the boron 
content. 

The /~lNi3Si precipitates exhibit the two charac- 
teristic morphologies for this kind of L12 precipitate 
coherent with the Ni(c 0 matrix: cuboids and dendrites, 
as presented in Figs 6 and 7. The faces of the cuboids 
are parallel to the (1 0 0) planes. The growth directions 
for dendritic fllNi 3 Si are the (1 1 1) directions of the 
Ni(e) matrix. The occurrence of such precipitation has 
been widely investigated in the case of 7' (Ni3A1) 
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Figure 6 (a) Transmission electron 
(micrograph for alloy 6* showing 
solid- state precipitation; (b) X-ray 
analysis of fl 1 Ni 3 Si precipitates. 
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precipitates in a nickel matrix because it constitutes 
the strengthening mode for superalloys. These two 
morphologies are also observed in the Ni-Si  binary 
alloy 3 and in the more complex commercial alloy 8* 
[6, 14]. For superalloys, many interpretations have 
been suggested for the occurrence of one specific mor- 
phology. For Ricks et  al. [15] the morphologies are 

correlated with two parameters: the sign of the lattice 
misfit between the matrix and the precipitates, and the 
supersaturation of the diffusing species. In fact, the 
lattice misfit is very small and consequently accurate 
measurements are difficult to carry out. Again, the 
misfit depends on temperature and may be different at 
the precipitation temperature from that measured at 

Figure 7 Electron micrographs illustrating dendritic solid state precipitation ]n alloy 8*. The specimen has been unidirectionally solidified 
and slowly cooled. 
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Figure 8 Projection of the polyphased lines in the system (Ni, Cr) 
CrB for a content of 66at. % Ni; taken from [13]. 

room temperature�9 The effect of supersaturation 
involves a kinetic effect related to the phase diagram�9 
Some authors have shown the evolution of cuboid 
precipitates into dendritic precipitation and explained 
it by the growth along preferential planes. 

4.2. Modelling of solute exchanges 
The achievement of a solidification process involves 
solute exchanges which depend, on the one hand, on 
the solid-liquid equilibria and, on the other hand, on 
kinetic aspects. In order to describe these exchanges, 
several relationships have been established. The lever 
rule expresses the partitioning of an element when an 
equilibrium state is reached. The Scheil (or Gulliver) 
law expresses the equilibrium at the liquid-solid inter- 
face with the assumptions that there is no diffusion in 
the solid phase and that the liquid phase is completely 
homogeneous. This law was adapted to the dendrite 
scale [16] to calculate the solute enrichment in the 
interdendritic groove. Other more realistic models 
have been proposed which take into account partial 
diffusivity of solute into the solid phase [17]. The 
necessary thermodynamical data are: the partition 
coefficient k for each solute and the diffusion coef- 

ficients D in the solid phase�9 Our purpose is to cal- 
culate the composition of the phase at each step in the 
solidification process represented by the remaining 
liquid fraction�9 Assuming that the partition coef- 
ficients are constant and that ternary interaction 
between solutes may be neglected, we did a numerical 
treatment of equations given in the Appendix�9 For 
silicon, the value of the partition coefficient that we 
have taken is 0.78 which is the value in the Ni-Si 
system at the eutectic composition�9 For boron, the 
partition coefficient is very small (0.08) because boron 
is not very soluble in nickel�9 We carried out the cal- 
culations using the lever rule for boron and the Scheil 
rule for silicon. As the diffusivity of boron is very high 
at these temPeratures, equilibrium can be reached 
readily for this element and the use of the lever rule is 
justified�9 

Fig. 9 presents the results reported on the liquidus 
projection. The amount of liquid, fL, remaining after 
solidification of primary dendrite, fs, is indicated 
according to the range of composition�9 The primary 
Ni(~) field is divided into two parts; one for which the 
solidification process is achieved by the formation of 
Ni(c0/NisSi 2 eutectic and another one by the for- 
mation of Ni(e)/Ni3 B eutectic. 

More sophisticated calculations were carried out, 
taking into account back-diffusion of silicon in the 
solid but resulted in little difference for the crystalliz- 
ation paths�9 This is due to the very small partition 
coefficient of boron which leads to paths nearly paral- 
lel to the boron axis. The amount of remaining liquid, 
fL, is modified by back diffusion of silicon when the 
interval of solidification, AT, is large and the soldifi- 
cation rate rather slow. The modification is significant 
only for compositions above the line fL = 0.60. 
Indeed, quantitative metallographic estimations forf~ 
indicated in Table IV are in rather good agreement 
with the predicted values when AT is not too large�9 

Appendix 
The relationships involved in the numerical treatment 
are: 

dXsi _ (1 - ksi ) (dfL'~ ( e l )  Scheil's law Jfsi \ fL J 

Ni 

5 5 

Si(~ 7 ~ Ni3B ~ (QL 0/0) 
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Figure 9 Proportion of liquid, fL, remain- 
ing at the end of primary solidification 
as a function of initial composition. The 
isoproportion lines are reported on the 
projection of the liquidus surface. The 
dotted line separates the field to show that 
the crystallization path ends by the 
formation of different eutectic structures. 



l e v e r  r u l e  dX B _ (1 - -  kB)dfL q- (1 - f L ) d k B  

xB A + (1 - fL)G 
(A2) 

the partition coefficients k 8 and ksi a r e  assumed con- 
stant: k B = 0 .08 ;  ksi = 0 . 7 8  = 1 t o  0 ( I I I ) fL = 0 . 0 2  

for each step, where fK is the liquid fraction. 
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